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Abstract
Recently, a new class of B2 intermetallic compounds, e.g., YAg and YCu, were experimentally
shown to have significant ductility comparable to face-centered cubic (fcc) Al, in contrast
to other B2 materials like CuZn or NiAl. As of yet, there has been no explanation for the
enhanced ductility in this class of materials. In order to provide understanding and a means
to predict for such behavior, we derive, using mesoscale dislocation mechanics, criteria of
〈111〉 slip versus 〈001〉 slip, as well as the relative stability of antiphase boundaries (APB)
and stacking faults (SF), together giving the necessary condition for ductility. Combined
with the sufficient condition, which requires APB bistability on {11¯0} and {112¯} planes,
stability maps are constructed using dimensionless ratios of the calculated lattice constants,
elastic constants, a
2
〈111〉 {11¯0} and a
2
〈111〉 {112¯} APB energies, and a
2
〈001〉 {11¯0} SF en-
ergies. To obtain required input to the stability maps, we have performed first-principles
density-functional theory (DFT) calculations on three types of B2 materials: the Y-based
B2 compounds (YAg, YCu, YIn, YRh, and YMg), the classic B2 alloys (NiAl, FeAl, AuCd,
AuZn, CuZn, and AgMg), and the CsCl-type ionic compounds (CsCl, CsI, TlBr, and TlCl).
In all the B2 materials, only YAg and YRh satisfy both necessary and sufficient conditions
for enhanced ductility, while, like classic B2 alloys and ionic compounds, the YIn and YMg
systems are predicted to be brittle, where the latter has been experimentally confirmed.
This general combined dislocation mechanics and DFT approach provides predictive maps
for use in alloy design and understanding of anomalous ductility in B2 systems.
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Chapter 1
Introduction
In 2003, Gschneidner et al. [1] discovered a family of ductile intermetallic compounds with
the body-centered cubic (bcc) based B2 (CsCl) crystal structure, see Figure 1.1. These
compounds are composed of rare earth/transition metals (RM), including YAg, YCu, YIn,
YRh, DyCu, CeAg, ErAg, ErAu, ErCu, ErIr, HoCu, and NdAg, among others. The ductility
of YAg is comparable to face-centered cubic (fcc) Al, much higher than that of the classic
B2 NiAl and CuZn alloys, for example, whereas the ductility of YCu is about half that of
YAg. The engineering stress-strain curves for YCu and YAg are shown in Figure 1.2 [1].
It is known that line compounds are usually brittle [2]; hence, the reason for high ductility
in RM compounds remains an open question. Moreover, some RM compounds, such as
(Tb0.88Dy0.12)Zn [3] and YMg [4], are brittle, which raises the question: Why are they
different?
Much work has been done in determining experimentally, as well as predicting theoreti-
cally, the slip systems of the classic B2 alloys. As discussed in the extensive review articles by
Yamaguchi and Umakoshi [5] and Baker [6], 〈111〉 and 〈001〉 are the two main slip directions
for dislocation motion observed in B2 materials (Fig. 1.3). Rachinger and Cottrell [7] at-
tempted to predict the slip direction via ordering energy and the extent of metallic bonding
versus ionic bonding. However, as pointed out by Ball and Smallman [8], NiAl and AuZn
would be predicted to exhibit 〈111〉 slip instead of the observed 〈001〉 slip. Using anisotropic
elasticity theory and Bragg-Williams approximation of antiphase boundary (APB) energies,
Potter successfully predicted the operative slip systems in CsBr, NiAl, CuZn, AuZn, and
AuCd [9]. Yet no previous theoretical treatments have attempted to predict the ductility
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Figure 1.1: Unit cell of the B2 structure. Filled and open circles represent different atomic
species. It resembles the body-centered cubic (bcc) structure, in which case only one element
is present.
Figure 1.2: Tensile stress-strain curves of YAg, YCu, compared with fcc Al. (Reprinted by
permission from Macmillan Publishers Ltd: Nature Materials 2:587–591 c© 2003.)
(a)                       (b)
[010]
[001]
[100]
Figure 1.3: Slip directions in B2 systems. (a) [001] and [111] slip directions in the (11¯0)
plane. (b) [1¯1¯1] slip direction in the (112) plane.
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of B2 materials, since all the known classic B2 alloys and ionic compounds are brittle. For
example, polycrystalline NiAl has only a 2% elongation upon fracture [2]. Baker concluded
that limited ductility is associated with 〈001〉 slip, and brittleness with 〈111〉 slip [6]. While
off-stoichiometric B2 alloys exhibit improved ductility, yield strength is sacrificed, which is
not useful for practical purposes [2].
In sharp contrast to the classic B2 alloys, the new class of RM intermetallic compounds
have an exact stoichiometry. Also, they are nearly elastically isotropic [1], with Zener
anisotropy ratios close to 1, defined by
A =
2c44
c11 − c12 , (1.1)
where the cij’s are the standard cubic elastic constants. There have been many recent efforts
following the discovery of these RM compounds, including both experimental [3, 10, 11]
and theoretical [12, 13, 14] investigations. Morris and Ye [14] have hypothesized that the
enhanced ductility in the Y-based compounds is due to the competing structural stability of
B33 and B27 phases, which can be obtained by introducing a periodic array of a
2
〈001〉 {11¯0}
stacking faults (SF) to the B2 lattice. However, as mentioned earlier, not all RM intermetallic
compounds are ductile. This brings further complications to the classification of the slip
modes in B2 materials and the prediction of their ductility.
To address the atypical ductility possessed by most of the RM compounds, as well as
the unresolved issue of predicting 〈111〉 versus 〈001〉 slip directions, we attempt to provide
a quantitative explanation using mesoscale dislocation mechanics with direct input from
first-principles density-functional theory (DFT) calculations. In a recent study of the L12
pseudo-binary alloy (Ni1−cFec)3Ge, Liu, Johnson, and Smirnov [15] successfully predicted
yield-stress anomaly by considering the necessary (stability of APB versus superintrinsic
stacking fault (SISF)) and sufficient (stability of APB(111) versus APB(100)) conditions
for cross-slip of screw dislocation segments, and calculating the APB and SISF energies
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from first-principles. The necessary and sufficient criteria were worked out, respectively, by
Paidar, Pope, and Yamaguchi [16] and Saada and Veyssiere [17]. The resulting stability
map, however, is applicable to any L12 material. Here, we adopt a similar approach to study
competing slip modes in B2 systems. As in the L12 case, design maps can be constructed
based on stability criteria derived in the B2 crystal structure.
Three types of B2 materials are investigated in this study: (1) the Y-based B2 com-
pounds (YAg, YCu, YIn, YRh, and YMg); (2) the classic B2 alloys (NiAl, FeAl, AuCd,
AuZn, CuZn, and AgMg); and (3) the CsCl-type ionic compounds (CsCl, CsI, TlBr, and
TlCl). Off-stoichiometric disorder will not be introduced. In the following chapters, we shall
first present the conditions for different slip modes, especially comparing 〈001〉 versus 〈111〉
slip, the relative stability of APB and SF formation, and APB bistability on {11¯0} and
{112¯} planes. These will give the necessary and sufficient conditions for enhanced ductility.
Next, we will define and derive quantities for computation, including APB and SF energies,
lattice parameters and elastic constants, as well as various quantities used in plotting the
stability maps. As we will see, these quantities are dimensionless ratios of defect energies
and/or elastic constants. Therefore, any systematic error in the first-principles calculations
will be ameliorated. Details of calculation methods will be presented for completeness and
reproducibility, specifying the unit cells, translation vectors, k-point meshes, and relaxation.
Finally, calculated properties will be compared with available experimental values and other
calculation results. The stability maps will be analyzed and the atypical ductility of RM
compounds will be explained.
In short, only YAg and YRh satisfy both the necessary and sufficient conditions, while
the YIn and YMg systems, the classic B2 alloys, and the CsCl-type ionic compounds do not.
We predict YAg and YRh to be highly ductile, YCu to be half as ductile, and the remainder
to be brittle, in agreement with reported findings, see Figure 1.2 and Refs. [1, 4].
4
Chapter 2
Background
To achieve the goal of this project, we pose the following questions:
1. Can we provide predictive maps that separate various B2 materials into their favorable
slip modes?
2. How well do the predicted slip modes compare with the experimentally observed slip
systems?
3. Can these results explain the atypical ductility observed in the RM compounds?
In this chapter, we shall address the first question by considering several energy-based criteria
for competing slip modes in B2 systems. The last two questions will be discussed based on
the predictive maps that involve competing stability of APBs and SFs, and effects of elastic
anisotropy.
2.1 B2 Stability Maps for Competing Slip Modes
2.1.1 Necessary condition: 〈111〉 {11¯0} versus 〈001〉 {11¯0}
Multiple slip can occur via formation of 〈111〉 APBs because the APBs exist on two families
of planes, namely, {11¯0} and {112¯}. It is necessary, then, that the formation of 〈111〉 APBs
has to be more energetically favorable than the formation of 〈001〉 SFs. To predict 〈111〉
versus 〈001〉 slip, Rachinger and Cottrell [7] gave a simple criterion: If wAPB À a, then 〈111〉
slip is favorable; else if wAPB ≈ a, then 〈001〉 is favorable. We derive a more quantitative
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criterion as follows, in light of Paidar, Pope, and Yamaguchi’s work in L12 systems [16]. (See
Appendix A for the derivation in L12 systems.)
Saada and Veysseiere [18] investigated the condition for cross-slip of a 〈111〉 screw su-
perdislocation on {11¯0} and {112¯} planes, where the latter is the Kear-Wilsdorf configu-
ration of the B2 crystal structure. The possible dissociation mechanisms for a 〈111〉 screw
superdislocation are:
a〈111〉 → a〈110〉+ a〈001〉 → a〈100〉+ a〈010〉+ a〈001〉 (2.1)
a〈001〉 → a
2
〈001〉+ SF + a
2
〈001〉 (2.2)
a〈111〉 → a
2
〈111〉+APB + a
2
〈111〉. (2.3)
For simplicity, the APBs and SFs shall be denoted by their defect planes; i.e., a
2
〈111〉 {11¯0}
and a
2
〈111〉 {112¯} APBs will be referred to as APB{11¯0} and APB{112¯}, respectively, and
SF a
2
〈001〉 {11¯0} will be denoted as SF{11¯0}. We shall compare these three processes based
on their energetics. Recall that the self energies of a screw and an edge dislocation are [19]
Es =
Gb2s
4pi
ln
r
r0
(2.4)
Ee =
Gb2e
4pi(1− ν) ln
r
r0
, (2.5)
where G = c44 is the shear modulus, bs and be are the Burgers vectors of the screw and edge
dislocations, respectively, r0 is the radius of the dislocation core, and r is the cutoff radius
of dislocation interaction. We note that r is finite because its strain field is canceled by the
strain field of other dislocations [20]. The pure screw and edge interaction energies are [19]
Ess =
Gb2s
2pi
ln
r
w
(2.6)
Eee =
Gb2e
2pi(1− ν) ln
r
w
, (2.7)
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where w is the separation distance between APBs or SFs.
In Eq. (2.1), the 〈111〉 screw dislocation dissociates into perfect dislocations along the
cube edges (Fig. 2.1), hence there are no APBs or SFs. The dissociation does not result in
any change in the total energy. Thus, with b1s = a〈111〉 and b21s = 3a2, the total energy of
the screw dislocation is
E1 =
Gb21s
4pi
ln
r
r0
=
3Ga2
4pi
ln
r
r0
. (2.8)
Equation (2.2) shows that the a〈001〉 dislocation can further dissociate into a
2
〈001〉 partial
dislocations, creating an intrinsic stacking fault. The screw and edge components of the
partial dislocation can be found by projecting a
2
〈001〉 onto a〈111〉:
a
2
〈001〉 = a
6
〈111〉︸ ︷︷ ︸
b2s
+
a
6
〈1¯1¯2〉︸ ︷︷ ︸
b2e
. (2.9)
Thus, with b22s = a
2/12 and b22e = a
2/6, the self energies are
E2s =
Ga2
48pi
ln
r
r0
(2.10)
E2e =
Ga2
24pi(1− ν) ln
r
r0
; (2.11)
the interaction energies are
E2ss =
Ga2
24pi
ln
r
wSF
(2.12)
E2ee =
Ga2
12pi(1− ν) ln
r
wSF
. (2.13)
The total energy associated with SF formation is then
E2 =
Ga2
24pi
(
ln
r
r0
+ ln
r
wSF
)
+
Ga2
12pi(1− ν)
(
ln
r
r0
+ ln
r
wSF
)
+ γSFwSF. (2.14)
7
[10 0]
[001]
[01 0]
Figure 2.1: Perfect dissociation of a 〈111〉 superdislocation in B2 systems (Eq. (2.1)). Perfect
〈110〉 and 〈001〉 dislocations are created in the first step. 〈110〉 can further dissociate into
〈100〉 and 〈010〉.
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The separation width wSF can be found by setting
∂E2
∂wSF
= 0, yielding
wSF =
3− ν
1− ν
Ga2
24piγSF
. (2.15)
Then Eq. (2.14) becomes
E2 =
3− ν
1− ν
Ga2
24pi
(
ln
r
r0
+ ln
r
wSF
+ 1
)
. (2.16)
Lastly, the 〈111〉 screw dislocation can dissociate into two 1
2
〈111〉 partials bounding an
APB, as shown in Eq. (2.3). The partials are purely screw, with Burgers vector b3s =
a
2
〈111〉
and b23s = 3a
2/4. Given the separation width wAPB of the partials, with planar defect energy
γAPB, the total energy is
E3 = 2E3s + E3ss + γAPBwAPB. (2.17)
We minimize Eq. (2.17) with respect to wAPB to get
wAPB =
Gb23s
2piγAPB
=
3Ga2
8piγAPB
. (2.18)
Then Eq. (2.17) becomes
E3 =
3Ga2
8pi
(
ln
r
r0
+ ln
r
wAPB
+ 1
)
. (2.19)
We can now compare perfect dissociation into 〈001〉 slip systems (Eq. (2.1)) versus dis-
sociation into screw partials with associated APB formation (Eq. (2.3)). Based purely on
energy grounds, in order for 〈001〉 {11¯0} slip to be more favorable than APB{11¯0} formation,
we require E1 in Eq. (2.8) to be less than E3 in Eq. (2.19):
3Ga2
4pi
ln
r
r0
<
3Ga2
8pi
(
ln
r
r0
+ ln
r
wAPB
+ 1
)
ln
wAPB
r0
< 1. (2.20)
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The dislocation core can be written as r0 = ka for some constant k. Then, by Eq. (2.20),
the condition for 〈001〉 slip is
w11¯0APB
a
< ke, (2.21)
which can be rewritten in terms of the planar defect energy as
γ11¯0APB
Ga
>
3
8pike
. (2.22)
The core of the dislocation can be simulated using semi-empirical and first-principles
calculations, from which the radius of the core, and hence k, can be obtained for each B2
material. In general, r0 is roughly between b and 5b [21], so k is between
√
3/2 and 5
√
3/2
in our case. Eshelby [22] estimated analytically r0 to be about 1.5b for screw dislocations,
which, according to Read [23], is an underestimation. A simulation study by Xu and Moriarty
shows that 2b, where b = a
2
〈111〉, is a good approximation for r0 in bcc Mo. We expect
the core radius to be somewhat larger in B2 systems than in bcc metals, since b represents
a partial dislocation in B2, instead of a perfect dislocation in bcc. Thus, we shall simply
take r0 to be between 2.5b (k ≈ 2.17) and 5b (k ≈ 4.33) for all B2 materials. Then ke in
Eq. (2.21) is between 5.9 and 11.8, which justifies the criterion imposed by Rachinger and
Cottrell, but provides a quantitative measure for comparison of many systems.
Next we compare SF formation (Eq. (2.2)) with APB formation (Eq. (2.3)). Notice that
we should multiply E2 by 3 for a fair comparison, since each 〈111〉 dislocation dissociates
into three families of 〈001〉 dislocations, where each of them can create SFs independently.
In order for APBs to be more energetically favorable than SFs, we need E3 in Eq. (2.19) to
be less than 3E2 in Eq. (2.16) :
3Ga2
8pi
(
ln
r
r0
+
r
wAPB
+ 1
)
< 3× 3− ν
1− ν
Ga2
24pi
(
ln
r
r0
+ ln
r
wSF
+ 1
)
3 ln
r
wAPB
− 2ν
1− ν
(
1 + ln
r
r0
)
<
3− ν
1− ν ln
r
wSF
. (2.23)
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Writing r0 = ka, we get
3
(
ln
a
wAPB
+ ln
r
a
)
− 2ν
1− ν
(
1 + ln
r
ka
)
<
3− ν
1− ν
(
ln
a
wSF
+ ln
r
a
)
3 ln
8piγAPB
3Ga
− 2ν
1− ν
(
1 + 2 ln
r
a
− ln k
)
<
3− ν
1− ν ln
1− ν
3− ν
24piγSF
Ga
. (2.24)
For simplicity, we may assume ν = 1/3 and r = 2r0 ≈ 4.33a. We define two quantities,
C =
γ11¯0APB
Ga
(2.25)
δ =
γ11¯0SF
γ11¯0APB
, (2.26)
so that Eq. (2.24), which specifies whether APB formation is more favorable than SF for-
mation, can be rewritten as
ln δ > −2.132− 1
4
lnC. (2.27)
Note that Eq. (2.22) is now equivalent to
lnC > ln
3
8pike
. (2.28)
For a B2 material to exhibit enhanced ductility, it must possess multiple slip during
plastic flow. Thus, the necessary condition for ductility is that APBs must be metastable
(Eq. (2.27)), so that 〈111〉 slip is possible; yet 〈001〉 slip also has to be favorable (Eq. (2.28)).
2.1.2 Sufficient condition: APB{11¯0} and APB{112¯} bistability
As mentioned earlier, 〈111〉 APBs can exist on both {11¯0} and {112¯} planes. A ductile B2
material can have multiple slip only if the APB is bistable. Based on the work of Hirth and
Lothe [24] and Head [25], the dissociation of 〈111〉 screw superdislocations in B2 materials
was analyzed in detail by Saada and Veysseiere [18]. Their work was expanded by Sun [26].
Figure 2.2 shows the stability map of the dissociation of 〈111〉 APBs on the {11¯0} and {112¯}
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planes, where the central bistability region is bounded by 2/
√
3 and
√
3/2 [26].
We now have three criteria. First, Eq. (2.28) is used for the prediction of 〈111〉 versus
〈001〉 slip. Second, Eq. (2.27) compares the relative stability of APB{11¯0} and SF{11¯0}.
Finally, multiple slip in {11¯0} and {112¯} via APB formation is governed by the map shown
in Figure 2.2. If the necessary condition is fulfilled, i.e., APBs are stable relative to SFs,
while 〈001〉 slip is still possible, then the sufficient condition can be used to check whether
the material possesses bistability of APBs and hence multiple slip. These criteria will be
used to explain the enhanced ductility in RM compounds. Before we proceed, we need to
define certain quantities of interest.
2.2 Parameters for B2 systems
To construct stability maps based on the three criteria described in the previous section,
elastic constants cij, APB energies γ
11¯0
APB and γ
112¯
APB, SF energies γ
11¯0
SF , and various ratios based
on these quantities are required. We shall define these quantities in this section.
2.2.1 Lattice constant and bulk modulus
Since B2 is cubic (Fig. 1.1), only one lattice parameter a is needed. To calculate the lattice
constant, first note that pressure is related to energy via
P = −∂E
∂V
. (2.29)
At the theoretical lattice constant a0, then,
P (a0) = −∂E
∂V a30
= 0. (2.30)
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Figure 2.2: Stability map of APB-dissociated 〈111〉 dislocations in B2 systems. (Reprinted
from Acta Metall. Mater., 43, Y. Q. Sun, Stability of APB-dissociated 〈111〉 screw superdis-
locations in B2-ordered structures, 3775–3782, c© 1995, with permission from Elsevier.) The
map represents the sufficient condition for APB bistability on {11¯0} and {112¯} planes, giving
multiple slip modes along 〈111〉.
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Thus, a0 can be found by minimizing the total energy via a least squares fit with a cubic
polynomial, since the second derivative is needed to calculate the bulk modulus:
B = V
∂2E
∂V 2
. (2.31)
In B2 systems, it can be shown that (see Appendix B)
B =
1
9a0
∂2E
∂a2 a0
. (2.32)
2.2.2 Elastic constants
The stiffness tensor cijkl can be written in contracted matrix notation, which has a sparse
format due to the symmetry in cubic materials:
cij =

c11 c12 c12 0 0 0
c12 c11 c12 0 0 0
c12 c12 c11 0 0 0
0 0 0 c44 0 0
0 0 0 0 c44 0
0 0 0 0 0 c44

. (2.33)
The cij’s are known as elastics constants, which determine how a crystal deforms under an
applied stress. c11 is related to the deformation along the direction of a tensile/compressive
stress. Due to the Poisson effect, c12 describes the deformation perpendicular to the stress.
For isotropic cubic materials, c44 is equal to the shear modulus G. In practice, the elastic
constants c11 and c12 can be found by solving the system of linear equations:
B =
1
3
(c11 + 2c12) (2.34a)
c′ =
1
2
(c11 − c12). (2.34b)
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c′ can be obtained by applying the distortion [27]

1 + ε 0 0
0 1− ε 0
0 0
1
1− ε2
 . (2.35)
The associated change in total energy is a function of the strain ε [27]:
∆E
V
= 2c′ε2 +O(ε4). (2.36)
Thus, c′ is found by a least squares fit to a quadratic polynomial. Similarly, for c44, one can
apply the distortion [27] 
1 ε 0
ε 1 0
0 0
1
1− ε2
 , (2.37)
and
∆E
V
= 2c44ε
2 +O(ε4). (2.38)
The Poisson ratio can be computed from
ν =
3B − 2G
6B + 2G
. (2.39)
For metals, ν is typically around 1/3 [20], a value used in the generic derivation of the
necessary condition for multiple slip in B2 materials in Section 2.1.1. It is easy to show that
ν = c12/(c11 + c12) for isotropic materials.
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2.2.3 λ and M in sufficient condition
The stability map for 〈111〉 APBs is shown earlier in Figure 2.2, where
λ =
γ112¯APB
γ11¯0APB
(2.40)
is a ratio of APB energies and M is a function of elastic constants, defined as follows [24].
Let H = 2c44 + c12 − c11. A rotation to the [111] axis yields
c′ij =

c′11 c
′
12 c
′
13 0 c
′
15 0
c′12 c
′
11 c
′
13 0 −c′15 0
c′13 c
′
13 c
′
33 0 0 0
0 0 0 c′44 0 −c′15
c′15 −c′15 0 0 c′44 0
0 0 0 −c′15 0 c′66

, (2.41)
where
c′11 = c11 +
1
2
H (2.42a)
c′12 = c12 −
1
6
H (2.42b)
c′13 = c12 −
1
3
H (2.42c)
c′33 = c11 +
2
3
H (2.42d)
c′44 = c44 −
1
3
H (2.42e)
c′66 = c44 −
1
6
H (2.42f)
c′15 = −
√
2
6
H. (2.42g)
Note that H = (c11 − c12)(A − 1), where A is defined in Eq. (1.1). Hence, for an isotropic
material, A = 1, H = 0, and c′ij = cij. The third row and column are deleted to obtain the
16
inverse [25]: 
S11 S12 0 S15 0
S12 S11 0 −S15 0
0 0 S44 0 −2S15
S15 −S15 0 S44 0
0 0 −2S15 0 S66

,
where
S11 =
c′11c
′
44 − c′215
2(c′11 + c
′
12)(c
′
44c
′
66 − c′215)
(2.43a)
S12 = − c
′
12c
′
44 + c
′2
15
2(c′11 + c
′
12)(c
′
44c
′
66 − c′215)
(2.43b)
S44 =
c′66
c′44c
′
66 − c′215
(2.43c)
S66 =
c′44
c′44c
′
66 − c′215
(2.43d)
S15 = − c
′
15
2(c′44c
′
66 − c′215)
. (2.43e)
Finally, the parameter M is defined as
M =
√
S11S44
S11S44 − S215
. (2.44)
As discussed by Sun [26], M ≥ 1, where the equality holds only for isotropic materials.
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Chapter 3
Calculation Methods
Density-functional calculations were performed using the Vienna Ab-initio Simulation Pack-
age (VASP) [28, 29, 30]. Ultra-soft pseudopotentials with the projected augmented wave
(PAW) basis [31, 32] and the generalized gradient approximation (GGA) to the exchange-
correlation functional [33, 34] were used. The k-point mesh was chosen using a method
developed by Monkhorst and Pack [35].
Lattice constants and elastic constants were calculated for 2-atom B2 unit cells (Fig. 1.1)
with 20×20×20 k-points. For all systems, total energies and forces were converged below 0.1
meV/cell and 0.1 meV/A˚, respectively. Elastic constants were calculated at both theoretical
(a0) and experimental lattice constants (aexpt). Due to errors in GGA exchange-correlation
functionals, metal lattice constants are overestimated, which particularly affect calculations
of elastic constants and defect energies. For example, using a lattice constant larger than the
experimental value separates the defect planes farther apart and lowers the defect energy,
resulting in material-dependent systematic errors. Therefore, aexpt was used for calculated
properties to remove systematic errors. (See Ref. [36] and references therein for discussion.)
APBs and SFs on the {11¯0} plane were separated by 8 layers of atoms (Fig. 3.1), whereas
APB{112¯}’s were separated by 6 layers (Fig. 3.2). Each unit cell contained 2 defect planes,
so that orthogonal translation vectors could be used as coordinate axes along the defect
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plane. Specifically, the translation vectors were
1
a

T1
T2
T3
 =


−1 1 0
0 0 1
8 8 0
 APB {11¯0} , SF {11¯0}

−1 1 0
−1 −1 1
2 2 4
 APB {112¯}
. (3.1)
The planar defect energies were computed from
γ =
Edef − Eperfect
2||T1 ×T2|| , (3.2)
where the factor of 2 in the denominator is due to the presence of 2 defect planes per unit cell,
see Figures 3.1 and 3.2. In order to remove systematic errors for k-point meshes, the perfect
unit cell had the same number of atoms and cell shape as the defected cell. In defected cells,
two layers of atoms on each side of the defect plane were relaxed along T3, with the cell
shape and volume fixed (for reasons stated above). The planar defect energies of APB{11¯0}
and SF{11¯0} were calculated for 32-atom unit cells at aexpt, with at least 12×12×2 k-points.
In calculating the planar defect energy of APB{112¯}, 8 × 8 × 4 k-points were used, with
24 atoms in the unit cell. The k-point meshes were chosen such that the reciprocal axes
contained a similar density of k-points. The aspect ratio in k-space, then, was roughly the
reciprocal of that in real space. Using more k-points, such as 12× 12× 4 and 16× 16× 4 in
APB{11¯0} and 12× 12× 8 in APB{112¯}, did not affect the results (see Table 3.1).
We note that along with APBs and SFs, high-symmetry twins may also be energetically
favorable. The twin{112¯} defect energy in NiAl is 2γ112¯twin = 874 mJ/m2, comparable to the
APB energies in Table 3.1.
19
[110]
[110]
[00 1]
(a)                             (b)
Figure 3.1: Unit cells of (a) APB{11¯0} (after Ref. [37]) and (b) SF{11¯0} used in the present
work. Filled and open circles represent different atomic species. The two defect planes per
unit cell are dashed in red.
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[111]
[11 2]
[11 0]
(a)
(b)
Figure 3.2: Projection of (a) APB(112) and (b) twin(112) unit cells onto the (11¯0) plane.
Circles and rectangles represent the two atomic species. Filled symbols represent atoms in
the plane; open symbols represent atoms a
2
[11¯0] behind the plane. The two defect planes
per unit cell are dashed in red.
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Table 3.1: Comparison of using different k-point meshes for calculating APB energies. Eperfect
and Edef are the energies of the perfect and defected unit cells, respectively. (E in eV/cell;
γAPB in mJ/m
2.)
Defect Material k-point mesh Eperfect Edef γAPB
APB{11¯0}
YAg 12× 12× 2 -157.215 -155.734 641
12× 12× 4 -157.216 -155.735 641
YCu 12× 12× 2 -169.988 -168.373 757
12× 12× 4 -169.988 -168.373 757
16× 16× 4 -169.984 -168.372 755
APB{112¯}
YAg 8× 8× 4 -117.918 -114.979 734
12× 12× 8 -117.915 -114.982 732
YCu 8× 8× 4 -127.491 -124.049 931
12× 12× 8 -127.489 -124.051 930
YIn 8× 8× 4 -119.421 -117.036 549
12× 12× 8 -119.422 -117.036 549
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Chapter 4
Results and Discussion
As discussed in Chapter 2, there are two central issues being addressed for B2 systems:
1. What are the dominant slip systems predicted via mesoscale dislocation mechanics?
Are the 〈111〉 APBs more energetically favorable than SFs? These determine the
necessary condition for ductility.
2. Are the 〈111〉 {11¯0} and 〈111〉 {112¯} slip systems jointly active for enhanced ductility?
This gives the sufficient condition.
The necessary condition is governed by Eqs. (2.27) and (2.28). The sufficient condition is
shown in Figure 2.2. APB and SF planar defect energies as well as structural and elastic
constant information are required as input. Specifically, the ratios C = γ11¯0APB/(Ga) and
δ = γ11¯0SF /γ
11¯0
APB are used in the necessary condition; M =
√
S11S44/(S11S44 − S215) and λ =
γ112¯APB/γ
11¯0
APB are used in the sufficient condition. Here we present calculation results for lattice
constants and elastic constants with experimental values. We then show the APB and SF
energies and plot the stability maps. The atypical ductility of the Y-based compounds will
be discussed. For most materials, the calculated structural parameters and the predicted
slip directions show excellent agreement with experimental results, as detailed below.
4.1 Lattice Constants and Elastic Parameters
The calculated lattice constants are listed in Table 4.1. It is well known that the GGA
overestimates the lattice constants for metals [36]. Since the aexpt’s are measured at room
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temperature, whereas the a0’s are obtained at zero Kelvin, it is more appropriate to extrapo-
late the aexpt’s to 0 K, making the error in the GGA exchange-correlation results even larger.
Alternatively, one can include phonon contributions to find a0 at room temperature. Due to
thermal expansion, we expect a0 to increase, again showing the large discrepancy between a0
and aexpt. However, as discussed in Chapter 3, the experimental lattice and elastic constants
are used to provide a better estimate of defect energies, allowing us to determine the location
of each system in the stability maps more accurately. Since aexpt of YIn is unknown, all of
its parameters are calculated at a0, which can alter slightly its position in the maps.
From Table 4.1, we see that the differences between a0 and aexpt for the systems inves-
tigated have a range from -0.2% for YMg, 0.2% for YCu, 1.0% for YRh, 1.8% for CsCl, to
2.3% for AuCd. (As noted below, AuCd is the only system that has large discrepancies with
the experimental structural parameters, B, c′, c44, A, ν, and M . Further investigation of
the issue is required to understand its origin.) As a specific example, in Figure 4.1(a) we
show the energy versus lattice constant plot for NiAl. Minimization yields a0 = 2.895 A˚ at
0 K. Compared to aexpt = 2.886 A˚ at room temperature, there is a 0.3% difference between
theory and experiment.
The theoretical values for B, c′, and c44 evaluated at the experimental lattice constant
are slightly different from reported values. For example, the error in the calculated B ranges
from 0.0% for NiAl, 7.1% for YAg, to 53.9% for AuCd (which is the single most discrepant
system, due to the sensitivity in the lattice constant). Using Eqs. (2.34a) and (2.34b), c11
and c12 are calculated from B and c
′ listed in Table 4.1. As an example, in Figure 4.1(b) we
show the energy change versus strain for NiAl. Fitting the energy difference as a function
of strain yields c′ = 39.5 GPa and c44 = 116.5 GPa at 0 K; the observed values at room
temperature are 34.2 GPa and 112.1 GPa, respectively. Given c11, c12, and c44, we can then
determine the Zener anisotropy ratio A (Eq. (1.1)), the Poisson ratio ν (Eq. (2.39)), and the
important elastic constant ratio M (Eq. (2.44)).
The critical parameters for the sufficient condition map are λ, a ratio of defect energies
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(Eq. (2.40)), and M (Eq. (2.44)). In YAg, M is calculated to be 1.02, the same as the
experimental value; A is 1.67 (experiment 1.54), indicating an anisotropic system. As for
YCu, which, as we will show, is less ductile than YAg, we find M = 1.00 (experiment 1.00)
and A = 1.08 (experiment 0.99), showing YCu is much more elastically isotropic. It is
worthwhile to point out that A < 1 in the ionic B2 systems (e.g., CsCl has M = 1.01 and
A = 0.69), which means that these materials exhibit anisotropy with deformation behaviors
different from those of the metallic systems. For most systems, M has an error of 2%. (The
worst calculation is in AuCd, where the error in M is 58%. The reason for such a huge
discrepancy is unclear.) As opposed to YAg, YCu, and YRh, our results show that YIn and
YMg are highly anisotropic. Further investigation is necessary to understand the inherent
differences between these sets of systems, for example, from changes in electron densities
under shear.
From examination of Table 4.1, as expected, the elastic constants and other structural
parameters calculated at aexpt show significant improvement compared to those calculated at
a0, agreeing with experimental values within the known errors of GGA, save AuCd. We now
use these calculated values to investigate the stability of the possible operative slip systems
for the B2 materials.
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Table 4.1: Calculated and experimental lattice constants (in A˚), bulk moduli (in GPa), and
elastic constants (in GPa) of B2 materials. A, ν, andM are defined in Eqs. (1.1), (2.39), and
(2.44), respectively. In the first (second) row of each system, calculations were performed
at a0 (aexpt). References for aexpt are given in the second row. In the third row, B, c
′, A, ν,
and M were calculated from the experimental elastic constants.
Material a B c′ c11 c12 c44 A ν M Ref.
YAg 3.646 68.3 22.3 98.0 53.4 35.0 1.57 0.281 1.02
3.619 75.1 22.6 105.2 60.0 37.8 1.67 0.284 1.02 [12]
3.619 70.1 24.2 102.4 54.0 37.2 1.54 0.276 1.02 [12]
YCu 3.485 71.3 34.4 117.2 48.4 36.4 1.06 0.282 1.00
3.477 73.4 34.6 119.6 50.3 37.2 1.08 0.283 1.00 [12]
3.477 70.1 32.5 113.4 48.4 32.3 0.99 0.300 1.00 [12]
YIn 3.769 57.3 6.02 65.3 53.3 43.4 7.20 0.198 1.35
YRh 3.442 113.3 38.4 164.5 87.7 36.6 0.95 0.354 1.00
3.407 121.2 38.0 171.8 95.9 40.4 1.06 0.350 1.00 [39]
YMg 3.798 41.2 8.62 52.7 35.5 39.6 4.60 0.136 1.19
3.806 40.4 8.55 51.8 34.7 39.1 4.57 0.134 1.18 [40]
NiAl 2.895 159.4 38.4 210.5 133.8 112.8 2.94 0.214 1.10
2.886 166.0 39.5 218.7 139.6 116.5 2.95 0.216 1.10 [38]
166.0 34.2 211.6 143.2 112.1 3.28 0.224 1.12 [41]
FeAl 2.879 161.3 52.8 231.6 126.1 130.2 2.47 0.182 1.06
2.909 156.4 51.7 225.4 121.9 123.5 2.39 0.187 1.06 [38]
136.1 33.7 181.1 113.7 127.1 3.77 0.144 1.14 [41]
AuCd 3.398 93.0 1.31 94.7 92.1 37.4 28.8 0.323 2.41
3.323 130.8 1.58 132.9 129.8 56.1 36.2 0.312 2.66 [38]
85 3.5 90 83 44 12.6 0.279 1.68 [18]
AuZn 3.195 116.9 5.72 124.5 113.1 42.8 7.47 0.337 1.42
3.149 145.4 7.31 155.2 140.5 55.7 7.62 0.330 1.42 [42]
3.149 131.5 7.73 141.8 126.3 54.52 7.04 0.318 1.38 [42]
CuZn 2.969 113.8 7.67 124.0 108.7 78.6 10.2 0.219 1.53
2.954 122.6 8.00 133.3 117.3 83.5 10.4 0.222 1.54 [38]
116.2 9.70 129.1 109.7 82.4 8.50 0.213 1.43 [43]
AgMg 3.331 65.9 13.4 83.8 57.0 47.1 3.51 0.212 1.13
3.314 70.9 14.2 89.8 61.5 49.7 3.51 0.216 1.13 [38]
65.6 13.7 83.8 56.4 47.6 3.46 0.208 1.13 [41]
Continued on next page . . .
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Table 4.1 (cont’d)
Material a B c′ c11 c12 c44 A ν M Ref.
CsCl 4.196 15.0 11.0 29.6 7.65 5.24 0.48 0.344 1.04
4.120 19.3 11.6 34.7 11.6 8.03 0.69 0.317 1.01 [44]
18.2 14.0 36.6 8.82 8.04 0.58 0.307 1.02 [41]
CsI 4.656 10.0 7.01 19.4 5.37 4.20 0.60 0.316 1.02
4.567 13.2 7.54 23.3 8.21 6.56 0.87 0.287 1.00 [44]
12.7 8.95 24.6 6.70 6.24 0.70 0.289 1.01 [41]
TlBr 4.011 22.1 12.6 38.9 13.7 6.21 0.49 0.372 1.04
3.986 24.4 12.7 41.3 15.9 7.51 0.59 0.360 1.02 [45]
22.4 11.2 37.3 14.0 7.48 0.67 0.350 1.01 [41]
TlCl 3.855 25.6 14.5 44.9 16.0 7.11 0.49 0.373 1.04
3.842 27.0 14.5 46.4 17.3 7.86 0.54 0.367 1.03 [45]
23.6 12.4 40.1 15.3 7.60 0.61 0.355 1.02 [41]
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Figure 4.1: Calculation of a0, c
′, and c44 in NiAl. (a) a0 is found by minimizing the energy
as with respect to B2 lattice constant. A cubic polynomial is used to fit the data. Here
∆E(a) = E(a)−E(a0), where E(a0) = −10.4988 eV/cell. (b) Diamonds and circles represent
the increase in energy by applying the distortions in Eqs. (2.35) and (2.37), respectively. c′
and c44 can then be determined from Eqs. (2.36) and (2.38). The energies are calculated at
aexpt, so ∆E(ε) = E(ε)− E(aexpt), where E(aexpt) = −10.4978 eV/cell.
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4.2 Stability Maps
4.2.1 Necessary condition
The APB and SF energies are listed in Table 4.2. Using Eq. (2.28) and data from Table 4.2,
we may construct a stability map for the energetically preferred slip directions in B2 mate-
rials, as shown in Figure 4.2. Taking k ≈ 2.17 in Eq. (2.28), we see that 〈001〉 slip is more
favorable for systems lying to the right of the vertical line, whereas to the left 〈111〉 slip is
favored. The predicted and experimentally observed slip systems are compared in Table 4.3.
Systems favoring 〈001〉 slip include YAg, YCu, YIn, YRh, NiAl, and all the CsCl-type ionic
compounds. CuZn and FeAl fall on the left-hand side of the vertical line, showing that 〈111〉
slip is favorable, which agrees with the experimental observation of exclusive 〈111〉 slip in
these two materials [7, 8, 46, 47, 48]. AgMg lies in the middle region between the estimated
boundaries (vertical lines of k ranging from 2.17 to 4.33). Interestingly, both 〈111〉 [7] and
〈001〉 slip directions [49] have been observed in AgMg, with a transition from 〈111〉 to 〈001〉
slip at low temperatures [5].
Apparently, there are two discrepancies between theory and experiment. (1) AuCd is pre-
dicted to exhibit 〈111〉 slip; yet 〈001〉 is the only slip direction observed in AuCd. However,
as already noted in the previous section, the errors in calculating the lattice and elastic con-
stants in AuCd are significant; hence, the accuracy and reliability of the calculated quantities
required for the maps (M , C, APB and SF energies, etc.) may have been greatly affected.
(2) There is an ambiguity in the prediction for AuZn, whereas only 〈001〉 slip has been
observed [7, 49]. It is unclear why our predictions are unsatisfying for the Au-based B2
materials. Among the rest, our simple model predicts 〈001〉 versus 〈111〉 slip accurately.
In Figure 4.2, we compare the relative stability of SF{11¯0} and APB{11¯0} along with the
expected dominant slip direction. The Poisson ratio of all investigated systems are roughly
between 1/5 and 1/3. For convenience, the boundary between APB and SF is constructed
assuming a generic value of ν = 1/3 to simplify Eq. (2.27). Using ν = 1/5 (not shown),
29
the small shift in the boundary line does not affect the analysis hereafter. For the ionic
compounds, SFs are more stable than APBs, which is expected because 〈001〉 slip direction
results in minimum charge repulsion. On the other hand, APBs are relatively stable in both
the Y-based compounds and the classic B2 alloys.
However, for systems with metastable APBs, only those in the upper-right quadrant
of Figure 4.2 satisfy the necessary condition for ductility. In this quadrant, 〈001〉 slip is
favorable, but SFs are not stable, which means that 1
2
〈111〉 partial dislocations can coexist
with the 〈111〉-dissociated perfect 〈001〉 dislocations. Indeed, it has been reported that 〈111〉
dislocations are metastable in NiAl [50] and that they have been observed in the Y-based
compounds [1]. This is the first central result: the stability map in Figure 4.2 identifies
candidates for multiple slip, and only a subset of Y-based B2 systems and some others
qualify.
4.2.2 Sufficient condition
The necessary condition alone cannot predict ductility. The sufficient condition—whether
the APBs are bistable—must be verified. Candidates for ductility are YAg, YCu, YIn,
YRh, NiAl, and CsI. In Figure 4.3, we show the condition for multiple slip in B2 materials.
Systems that do not satisfy the necessary condition are included for comparison. Only YAg
and YRh possess {11¯0} and {112¯} bistability, with YCu being marginal, as it is near the
boundary, while YIn, NiAl, and CsI lie away from the bistability region. The bistability of
APBs explains the observation of many 〈111〉 dislocations in the Y-based compounds [1],
even though 〈001〉 is the dominant slip direction.
Hence, combining 〈111〉 APB bistability with feasibility of 〈001〉 slip, dislocation disso-
ciation resulting in multiple slip is highly favorable in YAg and YRh, but not in other B2
materials. The fact that YCu possesses only half as many slip modes as YAg and YRh shows
YCu should be roughly half as ductile as YAg and YRh, which is observed in Figure 1.2 [1].
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Table 4.2: Calculated APB and SF energies (in mJ/m2) of B2 materials. The dimensionless
parameters λ, C, and δ are defined in Eqs. (2.40), (2.25), and (2.26), respectively. Present
calculation results are listed on the first row of each system. Other calculation results of
γAPB and γSF are provided, if available.
Material γ11¯0APB γ
112¯
APB λ w
11¯0
APB/a C Ref. γ
11¯0
SF δ Ref.
YAg 641 732 1.14 2.55 0.0468 364 0.569
745 680 0.91 2.16 0.0553 [12] 305 0.409 [14]
YCu 757 931 1.23 2.04 0.0585 322 0.425
1030 1090 1.06 1.30 0.0917 [12] 270 0.262 [14]
YIn 366 549 1.50 5.33 0.0224 636 1.740
480 [14]
YRh 1270 1390 1.10 1.29 0.0924 626 0.493
430 [14]
YMg 277 259 0.93 6.41 0.0186 714 2.58
NiAl 777 971 1.25 5.17 0.0231 1379 1.77
815 995 1.22 4.74 0.0252 [12] 1290 1.58 [12]
810 990 1.22 4.93 0.0250 [51]
FeAl 348 403 1.16 12.3 0.0097 1248 3.59
300 820 2.73 14.7 0.0081 [51]
AuCd 187 223 1.19 11.9 0.0101 639 3.41
AuZn 247 303 1.22 8.47 0.0141 636 2.58
CuZn 98 124 1.27 30.2 0.0040 1027 10.5
50 37 0.74 58.1 0.0021 [52]1
1.09 [53]1
AgMg 254 311 1.22 7.73 0.0154 655 2.58
CsCl 496 659 1.33 0.80 0.1500 85 0.172
CsI 357 459 1.29 1.00 0.1191 78 0.219
TlBr 320 397 1.24 1.12 0.1069 49 0.154
TlCl 369 458 1.24 0.98 0.1221 51 0.137
1Experiment
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Figure 4.2: Necessary condition map: ln δ versus lnC plot for B2 materials, indicating
preferred slip directions and APB/SF stability. Diamonds and bold labels represent the
present work; crosses and italic labels are taken from other calculation results listed in Table
4.2. The dotted line through the data is a guide for the eye. The solid (dashed) vertical and
slanted lines of slope −1/4 correspond to k ≈ 2.17 (4.33). To the right (left) of the vertical
line, 〈001〉 (〈111〉) slip is more favorable. Above the slanted line of slope −1/4, APBs are
more energetically stable than SFs, whereas SFs are more stable than APBs below this line.
Systems lying in the upper-right quadrant satisfy the necessary condition for ductility.
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Table 4.3: Predicted and experimentally observed slip systems (under tensile and compres-
sive loadings) in B2 materials.
Material Predicted Observed
Tensile Ref. Compressive Ref.
YAg 〈001〉 RT: 〈001〉 {110} [1]
YCu 〈001〉 RT: 〈001〉 {110}, 〈001〉 {100} [1] RT: No slip [1]
YIn 〈001〉
YRh 〈001〉
YMg 〈001〉 or
〈111〉
NiAl 〈001〉 < 0.45Tm: 〈001〉 {11¯0} [8]
FeAl 〈111〉 77–1143 K: 〈111〉 {11¯0} [47] 77 K: 〈111〉 {112¯} [48]
473 K: 〈111〉 {11¯0} [48]
AuCd 〈111〉 RT: 〈001〉 {11¯0} [7]
AuZn 〈001〉 or 〈001〉 {11¯0} [7]
〈111〉 〈001〉 {hk0} [49]
CuZn 〈111〉 〈111〉 {11¯0} [7] < 0.45Tm: 〈111〉 {11¯0} [8]
RT, 493 K: 〈111〉 {110¯} [46]
AgMg 〈001〉 or 〈001〉 {hk0}, 〈111〉 {112¯} [49] 〈111〉 {112¯} [49]
〈111〉 〈111〉 {3¯21} [7]
CsCl 〈001〉
CsI 〈001〉
TlBr 〈001〉 〈001〉 {11¯0} [54]
TlCl 〈001〉 〈001〉 {11¯0} [54]
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Figure 4.3: Sufficient condition map: λ versusM plot for B2 materials, indicating possibility
of multiple slip systems if
√
3/2 < λ < 2/
√
3. Diamonds and bold labels represent the present
work; crosses and italic labels are taken from the third rows of Table 4.1 and the second rows
of Table 4.2, if both are available. Materials that do not satisfy the necessary condition are
marked in open diamonds. To the right of the figure are schematics (after Ref. [26]) showing
the relative energy of the slip systems for the three regions.
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It happens that none of the anisotropic B2 materials satisfy both the necessary and
sufficient conditions, explaining the observation of brittleness in all the classic B2 alloys [6].
The ductile materials are all near isotropic. Hence, elastic isotropy may serve as an indicator
for enhanced ductility. It is not a quantitative indicator because YCu is more isotropic than
YAg, but YCu is less ductile.
Not all Y-based compounds are ductile—YIn does not satisfy the sufficient condition,
while YMg does not satisfy the necessary condition. The latter is experimentally con-
firmed [4]; the former does not agree with the preliminary findings of Gschneidner et al. [1],
and experimental verification is required. (Also, as seen in Table 4.1, YIn cannot be com-
pared with experiment for it is the only system without empirical data.) Clearly, both
necessary and sufficient conditions are required to predict ductility. Finally, we remark that
the data in Figure 4.2 lie along a line.
We have provided a set of simple, energy-based stability maps that can be used to a priori
determine whether B2 materials are ductile, explaining the enhanced ductility observed in
RM intermetallic compounds. The same maps can still be used for B2 alloy design, and one
may consider temperature effects, point defects, or disorder to construct modified maps for
system-specific predictions.
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Chapter 5
Conclusions
We have addressed—through solely energy-based criteria—〈001〉 versus 〈111〉 slip, the rel-
ative stability of APBs and SFs, and bistability of APB{11¯0} and APB{112¯}, which are
the dominant slip modes and defects in B2 systems that can lead to enhanced ductility.
Through these criteria, we have constructed two stability maps using mesoscale dislocation
mechanics that require only ratios of defect energies and/or elastic constants obtained from
first-principles density-functional theory calculations. We have examined 15 B2 materials,
including classic B2 alloys like CuZn and NiAl, ionic systems like CsCl, and a set of RM B2
compounds, some of which show dramatically enhanced ductility, comparable to fcc Al. In
general, the derived stability maps are able to separate the distinct behavior in the three
types of materials, predicting which systems exhibit enhanced ductility. In particular, we
find that YAg has multiple operative slip systems, which explains its dramatic ductility
compared to standard B2 NiAl or CuZn. The ductility of YCu is predicted to be half that
of YAg, as is observed.
For any B2 material, 〈001〉 slip is more favorable than 〈111〉 slip if the width of APB{11¯0}
is less than about 6 times the lattice constant. The ductile and non-ductile materials are
separated into different regions on the stability maps, indicating typical versus enhanced
ductility. We summarize our results for the three types of materials as follows.
(1) For the CsCl-based ionic compounds, only 〈001〉 slip is possible. Thus, the necessary
condition for ductility is not satisfied. Even if the borderline CsI were assumed to satisfy
the necessary condition, the lack of APB bistability would account for its brittleness.
(2) For the classic B2 alloys, all but NiAl fail the necessary condition. Again, APBs of
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NiAl do not possess bistability; hence, multiple slip leading to plastic flow is not possible.
(3) For the Y-based compounds, only YAg and YRh satisfy both the necessary and
sufficient conditions without ambiguity. They are predicted to exhibit high ductility, with
the former has been reported. YCu has half the number of slip modes as that of YAg, so
we predict to be half as ductile, which is also observed. YIn and YMg do not satisfy the
sufficient and necessary condition, respectively; they are predicted to be brittle, where the
latter is confirmed experimentally.
In closing, we find that an energy-based mesoscale dislocation analysis combined with
first-principles calculations characterizes permitted slip modes in B2 systems accurately,
and can predict enhanced ductility due to coexistence of 〈001〉 slip and 〈111〉 APBs, and
bistability of APBs on {11¯0} and {112¯} planes. The Zener anisotropy ratio can be used to
screen candidates for further investigation in stability maps.
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Appendix A
Derivation of Necessary Condition in
L12 Systems
On the {111} plane of L12 systems, there are two possible dissociation mechanisms for a
screw superdislocation:
a[1¯01] → a
3
[2¯11] + SISF +
a
3
[1¯1¯2] (A.1)
a[1¯01] → a
2
[1¯01] + APB +
a
2
[1¯01] (A.2)
Paidar, Pope, and Yamaguchi [16] gave the condition for the first dissociation process to be
more favorable over the second:
ln
8piγSISF
Ga
< 2 ln
4piγAPB
Ga
+ 1. (A.3)
We derive it as follows.
The SISF has both edge and screw components:
a
3
[2¯11]→ a
2
[1¯01]︸ ︷︷ ︸
bs
+
a
6
[1¯21¯]︸ ︷︷ ︸
be
, (A.4)
so b2s = a
2/2 and b2e = a
2/6. The self and interaction energies for screw and edge dislocations
are given in Eqs. (2.4)–(2.7). The total energy of SISF formation is
E1 = 2Es + Ess + 2Ee − Eee + γSISFwSISF, (A.5)
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where wSISF is the stacking fault width. The edge interaction energy is negative because the
edge components are antiparallel. The separation width wSISF can be found by minimizing
Eq. (A.5):
0 =
∂E1
∂wSISF
= − Gb
2
s
2piwSISF
+
Gb2e
2pi(1− ν)wSISF + γSISF
wSISF =
G
2piγSISF
(
b2s −
b2e
1− ν
)
=
Ga2
8piγSISF
, (A.6)
where we have assumed ν = 1/3.
Next, for the APB, the total energy is
E2 = 2Es + Ess + γAPBwAPB. (A.7)
The APB width can be found similarly:
0 =
∂E2
∂wAPB
= − Gb
2
s
2piwAPB
+ γAPB
wAPB =
Ga2
4piγAPB
. (A.8)
In order for SISF to be energetically favorable over APB, we need E1 < E2, i.e,
Ga2
4pi
(
ln
r
r0
+ ln
r
wSISF
)
+
Ga2
8pi
(
ln
r
r0
− ln r
wSISF
)
+
Ga2
8pi
<
Ga2
4pi
(
ln
r
r0
+
r
wAPB
+ 1
)
3
2
ln
r
r0
+
1
2
ln
r
wSISF
+
1
2
< ln
r
r0
+ ln
r
wAPB
+ 1
ln
r
wSISF
< 2 ln
r
wAPB
+ 1− ln r
r0
.
Finally, taking r0 = a, we get
ln
a
wSISF
< 2 ln
a
wAPB
+ 1
ln
8piγSISF
Ga
< 2 ln
4piγAPB
Ga
+ 1. (A.9)
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Appendix B
Derivation of Bulk Modulus
Here we derive Eq. (2.32). In a cubic material, V = ca3 per atom, where
c =

1
4
fcc
1
2
bcc
1 B2
. (B.1)
Note that
∂E
∂V
=
∂E
∂a
∂a
∂V
∂2E
∂V 2
=
(
∂a
∂V
)2
∂2E
∂a2
+
∂E
∂a
∂2a
∂V 2
.
Thus, in B2 systems,
B = a3
[
1
(3a2)2
∂2E
∂a2
− 2
9a5
∂E
∂a
]
=
1
9a
∂2E
∂a2
− 2
9a2
∂E
∂a
. (B.2)
At the minimum of energy versus lattice constant, ∂E
∂a a0
= 0, so
B(a0) =
1
9a0
∂2E
∂a2 a0
. (B.3)
At aexpt, however, the second term in Eq. (B.2) does not vanish.
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